Two conventionally solidified Al-0.2Ti alloys (with 0.18 and 0.22 at. pct Ti) exhibit no hardening after aging up to 3200 hours at 375°C or 425°C. This is due to the absence of Al 3 Ti precipitation, as confirmed by electron microscopy and electrical conductivity measurements. By contrast, an Al-0.2Zr alloy (with 0.19 at. pct Zr) displays strong age hardening at both temperatures due to precipitation of Al 3 Zr (L1 2 ) within Zr-enriched dendritic regions. This discrepancy between the two alloys is explained within the context of the equilibrium phase diagrams: (1) the disparity in solid and liquid solubilities of Ti in a-Al is much greater than that of Zr in a-Al; and (2) the relatively small liquid solubility of Ti in a-Al limits the amount of solute retained in solid solution during solidification, while the comparatively high solid solubility reduces the supersaturation effecting precipitation during post-solidification aging. The lattice parameter mismatch of Al 3 Ti (L1 2 ) with a-Al is also larger than that of Al 3 Zr (L1 2 ), further hindering nucleation of Al 3 Ti. Classical nucleation theory indicates that the minimum solute supersaturation required to overcome the elastic strain energy of Al 3 Ti nuclei cannot be obtained during conventional solidification of Al-Ti alloys (unlike for Al-Zr alloys), thus explaining the absence of Al 3 Ti precipitation and the presence of Al 3 Zr precipitation.
I. INTRODUCTION

THE Group 4 transition metals (Ti, Zr, or Hf)
constitute a group of alloying additions to Al that show particular promise for developing creep-resistant, thermally stable Al-based alloys. [1] In each of these systems, an ordered Al 3 M (M = Ti, Zr, or Hf) trialuminide may be precipitated from a supersaturated solid solution during post-solidification aging. While the equilibrium structure of these Al 3 M trialuminides is tetragonal (D0 22 or D0 23 ), decomposition of supersaturated Al-M solid solutions occurs initially by the formation of nanometer-scale metastable cubic Al 3 M (L1 2 ) precipitates exhibiting small lattice parameter mismatches with a-Al, which transform to their respective equilibrium tetragonal structures after prolonged aging (approximately 100 to 1000 hours) at elevated temperatures (>450°C). Moreover, these transition elements are anomalously slow diffusers in a-Al, with very limited equilibrium solid solubilities, enabling precipitated Al 3 M to be resistant to Ostwald ripening in accordance with volume diffusion-controlled coarsening models. [1] For high-temperature applications, Ti seems especially promising as an alloying addition among the Group 4 elements because it has the smallest atomic weight and the smallest diffusivity in a-Al. [1] Indeed, Al alloys reinforced by Al 3 Ti dispersions have garnered considerable interest as potential lightweight, hightemperature structural materials, and the thermal stability and strength at high temperatures of these alloys is well documented. [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] [12] [13] [14] [15] [16] [17] [18] These studies, however, investigated alloys prepared by rapid solidification processing (RSP) [2] [3] [4] [5] [6] [7] [8] or mechanical alloying (MA) [2, [9] [10] [11] [12] [13] [14] [15] [16] [17] [18] techniques, whose nonequilibrium processing routes circumvent the difficulties encountered during conventional solidification of Al-Ti alloys.
The problems with casting these alloys arise from the fact that Al 3 M (M = Ti, Zr, or Hf) exhibits a peritectic phase equilibrium with the terminal a-Al solid solution. The first solid to form under equilibrium conditions is the properitectic, or primary, Al 3 M ordered phase (for alloys in the peritectic composition range, i.e., those enriched beyond the minimum liquid solubility of solute). These solute-rich primary phases readily nucleate and grow into coarse (approximately 100 lm) precipitates during conventional casting, leaving the remaining melt, and ultimately the solidified a-Al solid solution, substantially depleted in solute. This limits the potential for subsequent precipitation strengthening because the supersaturation-and therefore the chemical driving force for solid-state nucleation, as well as the equilibrium volume fraction of the dispersed phase, if formed-is significantly reduced.
Under certain conditions, primary Al 3 M may solidify from the melt with the metastable cubic L1 2 structure.
These metastable particles are isostructural to, and exhibit a small lattice parameter mismatch with, the a-Al solid solution, and therefore act as efficient heterogeneous nucleants during solidification of a-Al. The resulting grain refinement in cast alloys is frequently exploited industrially by Ti additions to Al [19] [20] [21] [22] and has also been observed in Al-Zr [19, 23, 24] and Al-Hf [25] [26] [27] alloys when primary precipitation of Al 3 M (L1 2 ) occurs. The refined grain size, however, is undesirable for applications where creep resistance is required. This study examines the feasibility of developing conventionally cast and aged, precipitation-strengthened, dilute Al-based alloys alloyed with the Group 4 elements Ti and Zr, exhibiting a coarse grain size suitable for creep-resistant applications. Most studies related to conventionally solidified Al-Ti alloys have focused on the thermal stability of the relatively coarse primary Al 3 Ti phase formed during solidification. [28] [29] [30] [31] [32] As noted in References 33 and 34, the scientific literature pertaining to decomposition or age hardening of Al-Ti solid solutions produced by conventional ingot metallurgy processing is rather limited. The primary objective, therefore, is to report and discuss the precipitation behavior in dilute Al-Ti alloys, with the data for Al-Zr provided primarily as a comparison. In a subsequent article, [35] we report in detail on the precipitation behavior and stability of Al 3 Zr in conventionally solidified Al-Zr alloys.
II. EXPERIMENTAL PROCEDURES
A. Alloy Compositions and Preparation
Two Al-Ti and one Al-Zr alloys were cast, with both solutes nominally alloyed at the 0.2 pct level (all compositions are given in at. pct); the exact alloy compositions are Al-0.18Ti, Al-0.22Ti, and Al-0.19Zr, with an estimated error of ±0.01 at. pct, as indicated in Table I . Small (approximately 7 g) buttons of these alloys were prepared by arc melting in a gettered purified argon atmosphere using a nonconsumable tungsten electrode and a water-cooled copper cathode as the crucible. The charges were melted a minimum of 10 times and inverted between melts to ensure alloy homogeneity. The moderately enhanced cooling rate associated with the chilled crucible was estimated to be of the order of 10-100°C s -1 . For dilute Al-Ti and Al-Zr alloys, as well as other peritectic systems, to a specific cooling rate corresponds a critical solute concentration below which primary precipitation of Al 3 M (M = Ti or Zr) does not occur. [36] [37] [38] The compositions in Table I were expected, based on prior solidification studies ( Figure 8 , discussed subsequently), to be near the threshold for avoiding primary precipitation of Al 3 M for the moderate cooling rates used here. Both Al-Ti alloys were prepared by melting 99.95 at. pct Al (Atlantic Equipment Engineers, Bergenfield, NJ, and containing 257 at. ppm Fe and 260 at. ppm Si as impurities) with a monolithic Al 3 Ti master alloy. A primary advantage of this approach is that the melting point of Al 3 Ti (1350°C) is lower than that of pure Ti (1688°C). Additionally, this ordered structure is a line compound whose composition is entirely homogeneous. This is not true of commercial master alloys (containing typically 5 to 10 wt pct Ti) that exhibit coarse (approximately 100 lm) primary Al 3 Ti precipitates. For the dilute alloys in this investigation and the small mass of the button ingots, such inhomogeneous master alloys introduce unacceptable uncertainties in chemical composition. The monolithic Al 3 Ti master alloy was prepared by arc melting the requisite amounts of pure constituents (99.95 pct Al, Atlantic Equipment Engineers; 99.99+ pct Ti, Alfa Aesar, Ward Hill, MA) corresponding to the stoichiometry of the Al 3 Ti phase; chemical homogeneity and structural uniformity of the button ingot was verified using X-ray diffraction.
The Al-0.19Zr alloy was prepared from a dilute master alloy containing 1.9 wt pct Zr, which was dilution-cast from a commercial 10 wt pct Zr master alloy (KB Alloys, Reading, PA). The chemical compositions of both Al-Ti alloys were verified independently by Bodycote Materials Testing (Skokie, IL) and ATI Wah Chang (Albany, OR), while the composition of Al-0.19Zr was checked by ATI Wah Chang only.
B. Aging Treatments and Analytical Techniques
Prior to post-solidification aging, sections of each alloy were examined by optical microscopy and scanning electron microscopy (SEM) to verify the assolidified microstructure (porosity and grain size) and to check for the presence of properitectic, or primary, Al 3 M precipitates. The SEM micrographs of the assolidified specimens were obtained with an Hitachi S-3500 instrument (Hitachi High Technologies America, Inc., Pleasanton, CA) operated at an accelerating voltage of 20 kV, using a secondary electron detector. The as-cast alloys were isothermally aged at 375°C or 425°C, within the range of temperatures reported to exhibit a strong age hardening response for Al-Ti alloys produced by RSP [4, 6, 39, 40] or MA [10] and for Al-Zr alloys produced by RSP [34, [41] [42] [43] [44] or chill casting. [45, 46] Precipitation of Al 3 Ti or Al 3 Zr during aging was monitored by a number of techniques, described subsequently.
First, Vickers microhardness measurements were performed at room temperature on metallographically polished sections using a load of 200 g and a dwell time of 5 seconds. Second, precipitation of Al 3 Ti or Al 3 Zr was assessed directly by transmission electron microscopy (TEM). The TEM foils were prepared by mechanical grinding sections of aged specimens to a thickness of approximately 100 lm. Discs of 3-mm diameter were punched from these sections and thinned to perforation by twin-jet electropolishing at 20 Vdc (Struers TenuPol-5*) using a 10 vol pct solution of perchloric acid in methanol at -40°C. Conventional TEM was performed on a Hitachi H-8100 operating at 200 kV or a PHILIPS** CM 30 operating at 300 kV, using a double-tilt stage. Electropolished TEM foils were also examined using a LEO 1525 high-resolution field-emission gun scanning electron microscope (SEM) operated at 3 kV with a short working distance (3 mm) using a secondary electron in-lens detector. As discussed subsequently, the alloys are highly segregated on the micrometer scale, which is not easily discerned in TEM. The advantage of SEM as a complement to TEM is the much larger field-of-view from the larger range in magnification, which is compounded by the fact that there is no limitation that the foil be electron transparent. Furthermore, the resolution of the LEO 1525 is capable of resolving nanometer-scale Al 3 Ti or Al 3 Zr precipitates.
Finally, for the Al-Ti alloys, which did not exhibit detectable age hardening or evidence for precipitation of Al 3 Ti by electron microscopy (SEM and TEM), electrical conductivity measurements were also performed to monitor the decomposition of the supersaturated solid solutions during extended aging at 425°C. These measurements were performed using a SIGMATEST 2.069 (Foerster Instruments, Pittsburgh, PA) eddy current apparatus at room temperature. Five measurements were recorded, each corresponding to a different frequency (60, 120, 240, 480 , and 960 kHz), on each specimen. For consistency, a single specimen of each alloy (aged for various times) was used for conductivity measurements. Figure 1 shows the as-cast macrostructure of the alloys studied. The solidification macrostructure is typical of cast alloys, with coarse columnar grains, originating at the bottom surface of the ingot (which was in contact with the chilled copper crucible of the arc melter), growing upward toward a zone of equiaxed grains at the center of the ingot. The relative sizes of the columnar and equiaxed zones is strongly dependent on the solute content of the alloy and, more precisely, the extent of properitectic Al 3 M (M = Ti or Zr) precipitation because these primary phases are potent grain refiners, as discussed previously.
III. EXPERIMENTAL RESULTS
A. Optical Microscopy
Alloy Al-0.18Ti is the most dilute of those studied (Table I) , and the extent of the columnar zone, which comprises nearly half of the ingot cross section in this alloy, is also greatest. Within the equiaxed zone, the grains are relatively coarse, with diameters ranging from 0.5 to 1.0 mm. The effect of a small increase in Ti concentration in these conventionally solidified alloys is demonstrated for Al-0.22Ti, which exhibits a dramatic refinement in grain size with a fine columnar zone that adjoins an even finer equiaxed region of small (50 to 100 lm) grains in the upper half of the ingot. Moderate grain refinement is also exhibited for Al-0.19Zr, which is intermediate between that of alloy Al-0.18Ti and alloy Al-0.22Ti. The columnar zone of Al-0.19Zr extends for approximately one-third of the ingot cross section, with the bulk of the ingot consisting of equiaxed grains ranging in size from 0.15 to 0.30 mm in diameter.
The pronounced grain refinement observed in Figure 1 for Al-0.22Ti and Al-0.19Zr is due to copious precipitation of properitectic Al 3 Ti or Al 3 Zr precipitates, which were observed in metallographically polished as-solidified specimens by SEM ( Figure 2 ). The primary properitectic precipitates are 10 to 20 lm in diameter and exhibit a petal-like morphology. This morphology is characteristic of the metastable L1 2 properitectic Al 3 M phase, [19] whose cubic structure is commensurate with fcc a-Al and acts as an effective heterogeneous nucleant of a-Al during solidification, resulting in the grain refinement observed in Figure 1 . The refined grain structure is also apparent in Figure 2 , as grain boundaries are apparent in both SEM micrographs. The grain boundaries are decorated with Fe-rich precipitates, confirmed by energy-dispersive X-ray spectroscopy in the SEM, and are thought to be a eutectic constituent formed at the end of solidification, as expected because the impurity Fe concentration is close to the maximum solubility of Fe in a-Al. LEO is a trademark of Zeiss-Leica, Cambridge, England.
The presence of the primary precipitates in Figure 2 indicates also that (for the conventional casting conditions used in this study) exceeding approximately 0.2 at. pct solute (Ti or Zr) results in primary precipitation of Al 3 M and hence does not increase the amount of solute retained in solid solution. In addition to the primary precipitates described previously, Figure 2 (b) reveals the Zr-enriched dendrites in as-solidified Al-0.19Zr, which appear lighter due to Z-contrast from backscattered electrons. A similar contrast is not as apparent in Al-0.22Ti (Figure 2(a) ) because the difference in atomic number between Al (13) and Ti (22) is less than that of Zr (40) . After aging, only the solute-enriched dendritic cells contain precipitates, as described subsequently.
B. Age Hardening Figure 3 displays the evolution of microhardness of the Al-Ti and Al-Zr alloys upon isothermal aging at 375°C or 425°C. Each data point represents a minimum of 20 measurements, with the standard deviation of these measurements indicated by the error bars. At both temperatures, the Al-Ti alloys exhibit a negligible age hardening response after extended aging times up to 3,200 hours (19 weeks). This lack of strengthening contrasts with the significant precipitation hardening response of the Al-Zr alloy, which commences at times as short as 0.1 hours (6 minutes) at 425°C and achieves peak strength within 25 hours at both 375°C and 425°C. As described subsequently, the pronounced strengthening is due to precipitation of small (<10 nm) coherent Al 3 Zr (L1 2 ) precipitates; no evidence for precipitation of a similar Al 3 Ti phase is observed. The as-cast hardness values of Al-0.22Ti and Al-0.19Zr are both 242 MPa, approximately 20 MPa greater than that of Al-0.18Ti. This moderate strength increase is probably attributable to solid solution strengthening from dissolved Ti or Zr in the as-cast alloys. [48, 49] While there is a refinement in the as-cast grain size with increasing solute concentration (Figure 1 ), Hall-Petch strengthening is not applicable because the scale of the microhardness indent (approximately 125 lm across) is small as compared with the grain size.
C. Electron Microscopy
The origin of the precipitation-hardening response indicated in Figure 3 was investigated directly for Al-0.22Ti and Al-0.19Zr using SEM (Figure 4) . The dendritic distribution of solute species formed during solidification in both alloys is revealed by preferential etching of the foilÕs surface during electropolishing. Figure 4(a) shows the as-cast structure for Al-0.22Ti, where the relief contrast around the dendrite arms is due to variations in solute concentration in solid solution between the dendritic and interdendritic regions of the alloy. The centers of the dendrites are enriched in solute [36, [50] [51] [52] and are apparently more resistant to electropolishing. Ryum [53] observed similar resistance to electropolishing in the dendritic cells of as-cast specimens of Al-Hf alloys. Figure 4(b) shows the same Al-0.22Ti alloy after aging for 1600 hours at 425°C. The dendritic cells are delineated as previously, but no evidence for precipitation of Al 3 Ti within the supersaturated cells is observed, consistent also with the negligible age hardening of the Al-Ti alloys demonstrated in Figure 3 . Examination of the same specimen by TEM, both in real space (strain contrast) and reciprocal space (selected area electron diffraction), also provided no evidence for Al 3 Ti precipitates or any other precipitated phase. Figures 4(c) and 4(d) show SEM micrographs for Al-0.19Zr aged 400 hours at 425°C. As with the Ticontaining alloys, dendrites are clearly delineated from the electropolishing process. Unlike the Al-Ti alloys, however, the solute-rich dendrites decompose during aging to form regions with a high number density of homogeneously distributed, nanometer-scale Al 3 Zr precipitates. Figure 5 shows superlattice dark-field TEM micrographs of the same Al-0.19Zr specimen, exhibiting again precipitate-rich and precipitate-free regions associated with the initial dendritic Zr distribution ( Figure 5(a) ). Within the center of the dendrites, where the solute supersaturation is largest, the small (<R> = 6.7 ± 1.7 nm) Al 3 Zr precipitates have the metastable cubic L1 2 structure and are homogeneously distributed in high number densities. The supersaturation decays with lateral position from the dendrite centers and, correspondingly, the precipitates become progressively larger and occur in smaller number densities (Figures 5(a) and (b) ). Figure 5 (c) is a complementary bright-field micrograph to that of Figure 5 (b), recorded under two-beam conditions. The characteristic Ashby-Brown [54] strain contrast surrounding the Al 3 Zr (L1 2 ) precipitates indicates that they are coherent with a-Al. It is the small, coherent, high number density Al 3 Zr (L1 2 ) precipitates within the dendrites that are responsible for the marked precipitation-hardening response of Al-0.19Zr presented in Figure 3 .
D. Electrical Conductivity
The electrical conductivity of a disordered binary substitutional alloy is a parabolic function of the absolute solute concentration [55] and is therefore a sensitive means of monitoring the decomposition of a supersaturated solid solution during aging. Electrical conductivity measurements were performed on both Al-Ti alloys (Al-0.18Ti and Al-0.22Ti) for extended aging times up to 1600 hours at 425°C. No detectable change in conductivity was observed, indicating that solute atoms remained dissolved in supersaturated solid solution and did not precipitate as Al 3 Ti, corroborating the lack of precipitation observed by hardness and electron microscopy.
There was insufficient material to perform electrical conductivity measurements for the present Al-0.19Zr alloy. In a subsequent article, [35] however, we monitor the decomposition of more-dilute Al-0.1 at. pct Zr alloys during isochronal aging, during which a significant increase in electrical conductivity is observed to accompany precipitation of Al 3 Zr. Moreover, Royset and Ryum [56] recently monitored in detail the decomposition kinetics of dilute Al-0.12 at. pct Sc alloys using a similar eddy current apparatus, indicating that the technique is sensitive enough to detect precipitation of Al 3 M in dilute alloys.
IV. DISCUSSION
The hardness data in Figure 3 demonstrate that the Al-0.19Zr alloy exhibits pronounced precipitation hardening at 375°C and 425°C, unlike the Al-Ti alloys with similar solute concentrations. The strong age hardening response of the Zr-containing alloy is due to the precipitation of small (<10 nm) coherent Al 3 Zr (L1 2 ) precipitates, shown by SEM (Figures 4(c) and 4(d)) and TEM ( Figure 5 ). No evidence for precipitation of a similar Al 3 Ti phase is observed in the Al-Ti alloys by SEM or TEM. Moreover, there is no appreciable change in electrical conductivity after aging Al-0.18Ti or Al-0.22Ti at 425°C for 1600 hours, which indicates that the Ti concentration in a-Al solid solution is unchanged, confirming the lack of precipitation of Al 3 Ti. 
A. Diffusion Kinetics
The measured tracer diffusivity of Ti in a-Al is smaller than that of Zr in a-Al at the aging temperatures employed, and it is conceivable that sluggish diffusion might account for the lack of Al 3 Ti precipitation. The diffusivities, D, of Ti or Zr in a-Al are given by an Arrhenius relationship:
where R g is the ideal gas constant, T is the absolute temperature, Q is the activation enthalpy for solute diffusion, and D 0 is the pre-exponential factor. With values Q = 260 and 242 kJ mol -1 and D 0 = 1.12 · 10 ). The hardness curve in Figure 3(a) demonstrates that the Al-Zr binary alloy reaches near-peak hardness by 6.25 hours of aging at 375°C, which corresponds to a root-mean-squared (RMS) diffusion distance, ffiffiffiffiffiffiffiffi 4Dt p (where t is the aging time), of 14 nm for Zr atoms. For the slower-diffusing Ti atoms, a similar RMS diffusion distance can be achieved after 115 hours at 375°C or 4 hours at 425°C, indicating that Ti atoms diffuse fast enough to support the nucleation and growth of Al 3 Ti precipitates. Atom-probe tomography studies on Al-Sc-Ti alloys aged at 300°C [57] and Al-Zr-Ti alloys aged at 375°C or 425°C [58] demonstrate that Ti segregates to the Al 3 (Sc 1-x Ti x ) and Al 3 (Zr 1-x Ti x ) precipitates, further evidence that the limited mobility of Ti is not the limiting factor explaining the lack of Al 3 Ti precipitation.
B. Classical Nucleation Theory
The inability to nucleate Al 3 Ti is a result of an insufficient supersaturation of Ti in solid solution following conventional solidification. Figures 6 and 7 display dilute equilibrium binary phase diagrams for the Al-Ti and Al-Zr systems based on experimental data. From a casting standpoint, a suitable alloying element with Al should produce a low liquidus temperature or, equivalently, exhibit high solubility in the liquid. This liquidus criterion minimizes, for a given alloy composition, the temperature required to form a single-phase melt and also reduces the tendency for primary phase precipitation during solidification. [1] For precipitation strengthening, limited solid solubility is required to maximize the chemical driving force for nucleation as well as the volume fraction of the precipitated phase. As shown in Figures 6 and 7 , the disparity in the liquid and solid solubilities of Ti in a-Al is much greater than that of Zr.
The equilibrium phase boundaries in Figures 6 and 7 correspond to the tetragonal-structured trialuminides: D0 22 for Al 3 Ti [59] and D0 23 for Al 3 Zr. [60] The solubility limits of Ti and Zr in a-Al, in equilibrium with their respective metastable L1 2 structure Al 3 M trialuminides, have been evaluated employing ab initio calculations by Liu et al., [61, 62] who show that the ratio of the solid solubilities of the stable and metastable phases may be written as ratio are the ratios of the solid solubility of Al 3 Ti (L1 2 ) and Al 3 Zr (L1 2 ) with their respective equilibrium (D0 22 or D0 23 ) solvus curves, and T is the absolute temperature. Using the equilibrium phase boundaries in Figures 6 and 7 as an accurate reference state, metastable L1 2 solvus boundaries are calculated using Eqs. [2] and are indicated by the dotted lines in Figures 6 and 7 . Fig. 7 -Equilibrium Al-rich Al-Zr binary phase diagram (adapted from Murray [60] ) with metastable Al 3 Zr (L1 2 ) solvus calculated by Liu et al. [61, 62] Fig. 6-Equilibrium Al-rich Al-Ti binary phase diagram (adapted from Murray [59] ) with metastable Al 3 Ti (L1 2 ) solvus calculated by Liu et al. [61, 62] According to classical nucleation theory, [63] [64] [65] [66] [67] the steady-state nucleation current (nucleation rate per unit volume) is given by
where DF * is the net reversible work required for the formation of a critical nucleus, which is given by
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The steady-state nucleation current, Eq. [3] , is thus a function of the interfacial-free energy, r; the chemical driving force, DF ch ; the reduction of DF ch by the elastic strain energy, DF el ; and the activation enthalpy for diffusion, Q, for diffusion of the solute. As discussed in Sections 1 through 4, the latter three parameters hinder the nucleation of Al 3 Ti compared with Al 3 Zr.
1. Chemical driving force, DF ch , for nucleation of Al 3 M The metastable L1 2 solvus boundaries in Figures 6  and 7 demonstrate that the solid solubility of Ti in a-Al is significantly greater than that of Zr, which dictates the chemical driving force for homogenous nucleation of metastable L1 2 Al 3 M (M = Ti or Zr). Assuming ideal solution behavior (valid for the dilute concentrations discussed), this driving force is proportional to the natural logarithm of the supersaturation ratio, C 0 /C a , where C 0 is the concentration (atomic fraction) of M dissolved in solid solution and C a is the solid solubility of M in a-Al given by Eq. [2] . Following Doherty, [65] the chemical driving force per unit volume driving precipitation of the ordered Al 3 M phase may be estimated as
where C Al 3 M ¼ 0:25 is the atomic fraction of solute in the ordered trialuminide, and
is the molar volume of the precipitated phase (N a is AvogadroÕs number and a Al 3 M ¼ 0:3967 and 0.408 nm for Al 3 Ti (L1 2 ) and Al 3 Zr (L1 2 ), respectively [1] ). Figures 6 and 7 indicate that, for a given solute concentration (C 0 ), the supersaturation driving precipitation of Al 3 Zr is significantly greater than that for Al 3 Ti, which partially explains the absence of precipitation of Al 3 Ti because of the reduced supersaturation ratio C 0 /C a in Eq. [5] . The solute concentration C 0 , however, is not constant throughout the alloys because of the segregation visible in the SEM micrographs of Figure 4 . For both Al-Ti and Al-Zr, the dendrites are supersaturated with respect to the overall bulk alloy composition, C 0 , and so in both cases the local supersaturation of solute in the dendrites is greater than the bulk compositions indicated in Table I and Figures 6 and 7 .
The degree of this segregation was not measured directly (e.g., by electron microprobe analysis (EPMA)) but may be estimated from the equilibrium solid-liquid partition coefficient, k 0 , that quantifies the difference in the compositions of the solid and liquid phases in local equilibrium during solidification. [68] [69] [70] Making the standard assumption that both the liquidus and solidus boundaries are straight lines, k 0 may be expressed as the ratio of the solid and liquid compositions at the peritectic temperature, k 0 = C S /C L . From Figures 6 and 7, k 0 = 10 for Ti, and k 0 = 2.5 for Zr; therefore, the first solid to form is predicted to be enriched by a factor of 10 and 2.5 for Ti and Zr, respectively. This is in reasonable agreement with the results of Bolling and colleagues, [36, 50] who measured, using EPMA, the concentration of Ti across the dendritic cells in Al-Ti alloys containing up to 0.28 at. pct Ti and observed a five-to sixfold enrichment in Ti at the dendrite centers. Setiukov and Fridlyander [52] similarly observed that the Ti concentration in the central zones of the dendritic cells exceeded its average value by 6 to 8 times in alloys containing 0.02 to 0.17 at. pct Ti. All present Al-Ti and Al-Zr alloys are therefore locally supersaturated well beyond their respective equilibrium solubilities of solute, and so an insufficient supersaturation of solute, DF ch , alone cannot account for the absence of Al 3 Ti precipitates. As indicated in Eq. [4] , the influence of elastic strain energy, DF el , must also be considered because this reduces the net driving force for nucleation.
Reduction of the driving force by the elastic strain energy, DF el
Solid-state reactions involve strain energy because precipitating a second phase, which is fully or partially coherent with the matrix, requires the straining of the lattices in both the matrix and precipitated phases. This elastic strain energy, DF el , diminishes the net driving force, Eq. [4] , and hence the rate of nucleation, Eq. [3] . Considering only dilatational strains and assuming elastic isotropy, the strain energy per unit volume for a coherent inclusion is given by [64, 67] 
where l = 25.4 GPa [71] and m = 0.345 [72] are the shear modulus and PoissonÕs ratio of Al at room temperature. The average lattice parameter mismatches at room temperature, d, of both the tetragonal (D0 22 or D0 23 ) and metastable cubic (L1 2 ) phases are significantly greater for Al 3 Ti (d = 2.04 pct and 5.36 pct for L1 2 and D0 22 , respectively) than for Al 3 Zr (d = 0.75 pct and 2.89 pct for L1 2 and D0 23 , respectively). [1] Thus, the elastic strain energy preventing nucleation of Al 3 Ti (L1 2 ) is more than 7 times greater than that of Al 3 Zr (L1 2 ). The lattice parameter mismatch d, and thus the elastic strain energy is, however, expected to decrease somewhat at higher temperatures, owing to differences in thermal expansion between the a-Al matrix and the Al 3 M precipitates. [73, 74] Similarly, the shear modulus at higher temperature is somewhat reduced. L1 2 ), respectively. Equating DF ch and DF el gives a critical solute concentration necessary to overcome the elastic strain energy barrier associated with precipitate nucleation. For Al-Ti alloys, the critical value of C 0 is 0.84 at. pct Ti, and for Al-Zr, it is 0.021 at. pct Zr. Table I indicates that the bulk compositions of both Al-Ti alloys studied are less than the critical threshold of 0.84 at. pct Ti, whereas Al-0.19Zr is supersaturated well beyond 0.021 at. pct Zr, thus explaining the observed precipitation of Al 3 Zr (L1 2 ) and the lack thereof for Al 3 Ti. This explanation is not strictly complete because, as discussed, the alloys are segregated and hence locally supersaturated beyond the bulk compositions in Table I . Nevertheless, it is the combination of a small chemical driving force, DF ch , coupled with a large elastic strain energy barrier, DF el , in the Al-Ti system, as compared with the Al-Zr system, that explains their disparate precipitation behavior.
4. Activation enthalpy for solute diffusion, Q Equation [3] indicates that the nucleation current is strongly dependent on temperature. The solute supersaturation (and, correspondingly, DF ch ) increases with decreasing temperature (Eq. [2] ), while the solute diffusivity D decreases exponentially (Eq. [1] ). These competing influences result in an intermediate temperature for optimum nucleation kinetics. [66] As discussed in Section IV-A, the activation enthalpy for solute diffusion, Q, for Ti in a-Al (260 kJ mol -1 ) is greater than that of Zr (242 kJ mol -1 ), which increases the temperature for maximum nucleation current for Al 3 Ti. As discussed, the value of DF ch driving precipitation of Al 3 Ti is significantly less than that for Al 3 Zr for a given C 0 (Figures 6 and 7) . This reduced DF ch is exacerbated by the higher Q for Ti diffusion because at the temperatures where Ti is mobile, the supersaturation is not large enough to effect nucleation of Al 3 Ti.
C. Limitations on Increasing the Solute Concentration
The discussion in Section IV-B indicates that an increased concentration of Ti (C 0 ) beyond those we studied is required for precipitation of Al 3 Ti. This, however, is not possible under conventional casting conditions. As demonstrated in Figure 1 , the marked grain refinement observed with increasing Ti concentration is due to primary precipitation of Al 3 Ti in the melt, and increasing the Ti concentration does not increase the amount of Ti retained in a-Al solid solution. The inter-relationships among solidification rates, solute concentrations, and solidified microstructures of the Al-Ti and Al-Zr binary systems have been the subject of prior studies, [19, 24, 36, 75, 76] which are summarized in Figure 8 . These curves show the measured solidification rate, as a function of solute concentration, necessary to suppress primary precipitation of Al 3 Ti or Al 3 Zr, thereby obtaining supersaturated a-Al solid solution. Figure 8 indicates that to achieve a concentration of 0.84 at. pct Ti supersaturated in an homogenous a-Al solid solution, required to just offset the elastic strain energy associated with nucleation of Al 3 Ti (L1 2 ), cooling rates of nearly 5 · 10 4°C s -1 (based on the data of Hori et al. [75, 76] ) are required. To achieve a greater driving force for nucleation, still higher cooling rates are required. Nucleation of Al 3 Zr (L1 2 ) requires a small supersaturation to overcome the elastic strain energy barrier, and the critical composition of 0.021 at. pct Zr is readily achieved for even the slowest cooling rates in Figure 8 .
D. Comparison with Previous Studies
In contrast to the closely related Al-Zr and Al-Hf systems, the precipitation behavior of Al 3 Ti in Al-Ti alloys has been debated in the scientific literature. As with Al-Zr and Al-Hf alloys, the decomposition sequence of supersaturated Al-Ti solid solutions has been reported to occur first by the precipitation of a metastable Al 3 Ti (L1 2 ) phase, which then transforms to the equilibrium tetragonal (D0 22 ) structure after prolonged aging. [1] Asboll and Ryum, [77] however, observed only precipitation of the equilibrium D0 22 phase in chillcast Al-0.34 at. pct Ti alloys aged between 400°C and 550°C. They also noted that the decomposition kinetics of Al 3 Ti were sluggish compared with those of Al alloyed with other elements of the same subgroup, Zr or [19] (b) Kerr et al., [36] (c) Hori et al., [75, 76] and (d) Hori et al. [24] Hf. Pandey and Suryanarayana [78] also compared the decomposition behavior of rapidly solidified Al alloyed with Ti, Zr, or Hf (Group 4 elements) and noted that a metastable Al 3 M (L1 2 ) ordered phase is observed in Al-Zr and Al-Hf alloys but not in Al-Ti alloys. This result agrees with other studies [8, 32, 43] reporting only precipitation of the equilibrium D0 22 phase in Al-Ti alloys aged in the broad temperature range of 200°C to 600°C.
Other studies report no precipitation during aging of supersaturated Al-Ti solid solutions. Ohashi et al. [79] found no evidence for precipitation of Al 3 Ti, using microhardness and electrical resistivity measurements, in Al-Ti alloys containing up to 0.45 at. pct Ti produced by RSP during 100 hours of aging in the range of 400°C to 640°C. St. John et al. [31] also observed no solid-state precipitation of Al 3 Ti when aging an Al-1.1 at. pct Ti alloy for 24 hours at 435°C; their alloy did, however, contain coarse primary Al 3 Ti precipitates, indicating that the amount of Ti initially in solid solution was reduced.
Nucleation of coherent Al 3 Ti (L1 2 ) precipitates has been reported only for highly supersaturated alloys produced by nonequilibrium means (RSP). Ohashi and Ichikawa [51] observed Al 3 Ti (L1 2 ) precipitates in alloys containing 0.3 to 1.4 at. pct Ti aged at 400°C to 500°C. Muddle and co-workers [4, 39, 80, 81] observed precipitation of coherent Al 3 Ti (L1 2 ) in melt-spun alloys containing 2.9 to 3.5 at. pct Ti aged at 300°C to 500°C. Similar supersaturations cannot be achieved by conventional casting (Figures 1 and 8) because Ti precipitates in the liquid as properitectic Al 3 Ti at moderate cooling rates.
E. Common Industrial Uses of Ti and Zr Additions to Al
Perhaps the most illustrative comparison of Al-Ti and Al-Zr alloys is found by considering their primary industrial roles. As discussed, minor additions of Ti are used to refine the grain structure in commercial aluminum alloys, where primary Al 3 Ti precipitates act as heterogeneous nuclei during solidification of the melt. [19] [20] [21] [22] A solid-state counterpart to this grain refinement effect is realized when dilute additions of Zr are added to commercial wrought alloys as recrystallization inhibitors. [82] [83] [84] [85] Small (20 to 30 nm) coherent Al 3 Zr (L1 2 ) precipitates, formed during post-solidification aging, are effective barriers to grain-boundary migration. Titanium is thus added to form primary precipitates in the melt, whereas Zr is used to form coherent dispersoids precipitated from supersaturated solid solution. This suggests that (1) Zr, compared with Ti, is easier to retain in solid solution during conventional solidification; and (2) Al 3 Zr, compared with Al 3 Ti, is more readily precipitated during post-solidification aging. These considerations indicate that the Al-Zr system is a better candidate than the Al-Ti system for developing a castable, precipitation-strengthened alloy.
V. CONCLUSIONS
This investigation has compared the decomposition of supersaturated, conventionally cast Al-0.2 at. pct Ti and Al-0.2 at. pct Zr alloys, upon aging at 375°C or 425°C. The Zr-containing alloy exhibits a strong age hardening response after about 24 hours at both temperatures, due to copious precipitation of coherent, nanometer-scale Al 3 Zr (L1 2 ) precipitates within the supersaturated dendritic cells of the alloy. Precipitation of a similar Al 3 Ti phase in supersaturated dendrites is not observed, even for much longer aging times (up to 3200 hours at 425°C). Compared with Al 3 Zr, nucleation of Al 3 Ti (L1 2 ) is hindered by the following: (1) a reduced chemical driving force (DF ch ) for nucleation (for a given local alloy composition, C 0 ); (2) a larger elastic strain energy opposing nucleation (DF el ); and (3) a greater activation enthalpy for solute diffusion, Q.
Despite Ti enrichment in dendritic regions, the minimum supersaturation to produce solid-state Al 3 Ti precipitation cannot be achieved in conventionally solidified binary Al-Ti alloys because increasing the Ti concentration beyond the levels we have studied causes crystallization of primary Al 3 Ti during solidification and thus does not increase the solute available in solid solution for subsequent precipitation. By contrast, the Al-Zr system is more promising for developing a castable, precipitation-hardened alloy with good coarsening and creep resistance.
